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The fracture surfaces of slowly cooled Fe-AI alloys containing up to 28 at. ~ AI were 
examined using scanning electron microscopy techniques. It was found that the fracture 
modes changed from void coalescence to transgranular and finally, to intergranular as the 
AI concentration increased. The latter two modes of fracture were of the brittle type and 
were associated with the onset of long range order in these alloys. In particular, it has 
been postulated that atomic ordering leads to markedly reduced cross-slip, in turn reducing 
the degree to which void coalescence, with accompanying ductility, can occur. 

1, Introduction 
It has been known for some time that atomic 
ordering leads to pronounced brittle fracture in 
many alloys. In particular, such embrittlement 
has been observed in FeCo [1, 2], Ni~Mn [3], 
FeAI [I], FeCo-2V [4-9], Fe~A1 [10-12], Fe3Si 
[13], fl-brass [14-16], NiA1 [17, 18] and Ni3A1 
[17] superlattices. Whereas the type of fracture 
in FeCo-2V [7, 19] and fi-brass [14, 15] has been 
reported to be of either the transgranular or 
intergranular type, depending upon temperature, 
the fractures in FeCo [1, 2], Fe3A1 [10-12], 
NiA1 [17, 18] and FeA1 [1] have been observed 
to be of the intergranular type. Similarly, in 
fatigued samples of Ni3Mn [20], FeCo-2V [20] 
and fi-brass [21], the cracks were observed to be 
of the intergranular type. A number of hypothe- 
ses have been proposed to account for the 
brittle behaviour of ordered alloys. On the one 
hand, it has been argued that the embrittlement 
results from the build up of high internal stress 
concentrations due to the difficulty of cross-slip 
in ordered alloys [19]. On the other hand, it has 
been postulated that impurity segregation at the 
grain boundaries might be responsible for the 
brittle intergranular fracture that is observed 
[22, 23]. A third possibility has also been 
advanced, which is related to the inherent struc- 
ture of a grain boundary in an ordered alloy 
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[24-27]. This can be most readily seen by 
reference to Fig. 1 which shows an 18.9 ~ 
symmetrical tilt boundary in a simple ordered 
lattice. It is apparent that the grain boundary is 
comprised of a vertical array of edge disloca- 
tions, and that each alternate pair of such dis- 
locations has associated with it wrong or like 
nearest neighbour atom pairs across the grain 
boundary. In the limit of low-angle boundaries, 
the boundary may be visualized as an array of 
vertically aligned superlattice dislocations, i.e. a 
pair of ordinary dislocations connected by an 
antiphase boundary [28, 29]. It follows, there- 
fore, that both high-angle and low-angle grain 
boundaries in ordered alloys possess higher 
energies relative to the grain interior, as com- 
pared to the corresponding disordered alloys, due 
to the disorder within the grain boundary. The 
grain boundaries thus provide a relatively high 
energy path for the nucleation and/or propaga- 
tion of cracks, compared to that of the ordered 
grain interior. 

So far, no systematic study has been carried 
out of the fracture morphology of superlattice 
alloys over a range of compositions extending 
from one of the pure components to the stoi- 
chiometric fully ordered alloy. Since many pure 
metals exhibit relatively ductile fractures, such a 
study would provide a means of observing, in a 
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Figure 1 An 18.9 ~ symmetric tilt boundary in a simple 
ordered lattice. 
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systematic manner, the transition from ductile to 
brittle fracture brought about by atomic 
ordering. It was therefore decided to examine the 
tensile fracture surfaces of Fe-A1 alloys extending 
from nearly pure iron to approximately the 
stoichiometric FeaA1 composition. The method 
of observation selected was that of  scanning 
electron microscopy. This choice was dictated 
by the combination of high depth of field and 
high resolution (approximately 150 A) attainable 
with the scanning electron microscope (SEM). 

2. Experimental procedures 
The samples used in the present study were 
obtained from fractured tensile specimens which 
were part of an earlier investigation concerning 
the mechanical properties of Fe-AI alloys [11, 
30, 31]. The samples contained from 80 to 120 
ppm carbon and from 30 to 90 ppm nitrogen 
[10], while the aluminium contents ranged from 
1.0 to 30.7 at. % and were certain to within • 0.1 
at. 70 A1. All samples were slowly cooled to 
various temperatures in order to maintain the 
equilibrium values of atomic order characteristic 
of that temperature and pulled to fracture at this 
temperature. The test temperatures employed 
were 298, 477, 589, 708, 809 and 839 K. Samples 
tested at 589 K and above were sufficiently well 
oxidized to raise questions concerning the 
nature of the true fracture surface, and were 
therefore not  examined. Approximately �88 in. 
lengths were cut from one of the fractured ends of 
several of the ~ in. diameter tensile specimens. 
These pieces were, in turn, mounted on pedestals 
with conducting cement and examined within 
the Cambridge "Stereoscan" SEM operating at 
20 kV. 

3. Experimental results and discussion 
Because of the qualitative similarity in mechani- 
cal properties [12] between the samples tested at 
298 and 477 K, as well as the greater number of 
compositions available corresponding to the 477 
K specimens, it was decided to examine only 
those fracture surfaces associated with the 477 K 
tests. Fig. 2 shows the per cent reduction in 
areas as a function of aluminium concentration 
for alloys slowly cooled to 477 K and tested in 
tension to fracture at this same temperature. 
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Figure 2 Ductility of iron-aluminium alloys that were 
slowly cooled to 477 K and fractured in tension at this 
temperature. 

Fig. 3a shows a scanning electron micrograph 
of the fracture surface obtained from a 2 at. 
A1 sample where the electron beam was oriented 
nearly perpendicular to the fracture surface. The 
fracture surface is seen to consist of a very large 
number of coalesced voids or cavities which are 
quite characteristic of ductile materials [32]. 
Examination of Fig. 2 shows that this particular 
sample has undergone an 89 % reduction in area. 
Fig. 3b is a scanning electron mierograph from 
the same sample as that from which Fig. 3a was 
obtained, but from a different area and with the 
beam oriented 40 ~ with respect to the fracture 
surface. The voids now take on a characteristic 
parabolic appearance, because of the tilt of  the 
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beam with respect to the fracture surface. The 
schematic illustrations in Fig. 4a and b show 
more clearly the process of  void formation and 
coalescence under an applied tensile stress, G, 
which leads to ductile fracture. The nucleation o f 
these voids has been associated with various types 
of defects within the crystal [29, 32-34]. 

(a) 

t o" 

t= 
t= 

(b) 

Figure 4 (a) Void formation in a ductile alloy. (b) Fracture 
by void coalescence in the same alloy. 

Figure 3 (a) Scanning electron micrograph of the fracture 
surface of a fully ductile 2 at. ~ A1 alloy illustrating 
fracture by void coalescence. Electron beam was oriented 
normal to the fracture surface. (b) Scanning electron 
micrograph from the same sample as that described in (a) 
but from a different area, and with the electron beam 
oriented 40 ~ with respect to the fracture surface. 

Fig. 5a and b show scanning electron micro- 
graphs of the fracture surfaces characteristic of  
alloys containing 7 . 8 ~  and 16.4 at. ~ A1, 
respectively. Along with the decrease in ductility 
accompanying this increased A1 concentration, as 
can be seen from Fig. 2, the scanning electron 
micrographs in Fig. 5a and b show a corres- 
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ponding decrease in void size when compared to 
the lower A1 content alloy represented in Fig. 3. 
With still higher A1 contents, i.e. 18.8 at. ~ ,  
Fig. 6 shows the development of  more well- 
defined planar fracture surfaces, in addition to 
the voids observed in the earlier samples. This 
situation is illustrated schematically in Fig. 7. 
In particular, these observations show that 
fracture in the 18.8 at. ~ A1 alloy does not occur 
by void coalescence, but by isolated void forma- 
tion and subsequent transgranular cleavage 
through the voids. As the AI concentration is 
increased still further to 21.8 at. ~ ,  trans- 
granular cleavage begins to become the pre- 
dominant mode of fracture, as can be seen by the 
scanning electron micrograph of Fig. 8a. That 
some void formation is still taking place is 
evidenced by the scanning electron micrograph 
of Fig. 8b. However, the size and extent of  these 
voids is drastically reduced compared to the more 
ductile alloys. In addition, Fig. 2 shows that the 
ductility has also been reduced to about 2 0 ~ .  
Close examination of Fig. 8 shows that some 
intergranular fracture is beginning to occur, 
however, the predominant fracture mode is 
transgranular, characterized by numerous river 
line patterns. These river lines are undoubtedly 
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generated by the intersection of  the crack with 
pre-existing defects such as grain boundar ies  
(both high- and low-angle types) and dis- 
locations [32, 34, 35]. 

Figure 6 Scanning electron micrograph of the fracture 
surface in a partially embrittled 18.8 at. % A1 alloy. 
Electron beam was oriented 52 o with respect to the 
fracture surface. 

I o- 

(a] 

Figure 5 (a) Scanning electron micrograph of the fracture 
surface in a ductile 7.8 at. ~ A1 alloy. Electron beam was 
oriented 45 ~ with respect to the fracture surface. (b) 
Scanning electron micrograph of the fracture surface in a 
ductile 16.4 at. ~ AI alloy. Electron beam was oriented 
nearly normal to the fracture surface. 

Fig. 9a shows that  at  an A1 concentra t ion of  
25.5 at. ~ ,  the fracture becomes predominant ly  
intergranular  with some vestiges of  t ransgranular  
cleavage still remaining.  This is in keeping with 
previous results obta ined for  a 50 at. ~ A1 alloy 
which fractured entirely by means  of  the inter- 
granular  mode  [1 ]. A somewhat  higher magnifi- 
cat ion of  the central  area of  Fig. 9a is shown in 
Fig. 9b. The smoo th  nature  of  the fracture surface 
[1, 32], a characteristic of  intergranular  fracture,  

{b) ~o- 

Figure 7 (a) Void formation in a partially embrittled 
alloy. (b) Fracture by cleavage in the same alloy. 

is immediately  apparen t  in this figure. Several 
gra in-boundary  inclusions can also be seen 
at tached to the surfaces of  the grains, which were 
previously grain boundaries .  Reference to Fig. 2 
also shows that  the ductility of  tile 25.5 at. ~ A1 
alloy has essentially been reduced to zero. 

Compar i son  of  the results shown in Fig. 2 
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Figure 8 (a) Scanning electron micrograph of the fracture 
surface in an embrittled 21.8 at. ~ A1 alloy showing 
predominant transgranular fracture. Electron beam was 
oriented 43 ~ with respect to the fracture surface. (b) 
Higher magnification scanning electron micrograph from 
a different area of the same sample from which (a) was 
obtained, showing both river patterns along with void 
formation. 

with the Fe-A1 phase diagram shows that  the 
rapid decrease in ductility which occurs at 
about  20 at. ~ A1 closely parallels the onset o f  
long range order at this composit ion [12]*. The 
somewhat  slower decrease in ductility with A1 
content for concentrat ions less than 20 at. ~ A1 
may be associated with increasing amounts  of  
short  range atomic order. I t  is well known that  
long range atomic order [36], and to a lesser 
extent short range atomic order [37], favour the 
format ion of  superlattice dislocations, i.e. 

Figure 9 (a) Scanning electron micrograph of the fracture 
surface in a fully embrittled 25.5 at. ~ A1 alloy exhibiting 
intergranular fracture. Electron beam was oriented 43 ~ 
with respect to the fracture surface. (b) High magnifica- 
tion scanning electron micrograph of the central area 
shown in (a). 

ordinary dislocations which bound  ribbons of  
antiphase boundaries (APBs). 

Such dislocations can move through the 
crystal with relative ease, compared  to the 
corresponding ordinary dislocations which leave 
in their wake ribbons of  disorder or  APBs. On  
the other hand, cross-slip of  superlattice dis- 
locations is extremely difficult, since work must  
be done against the APB tension [38-40]. I t  has 
been shown that  double cross-slip is a very effec- 
tive means for obtaining slip multiplication, with 
the subsequent format ion of  pronounced slip 
bands [41]. The observation that  long range 

*One of us (FXK) used X-ray diffraction, electrical resistivity and precision density measurements to determine 
the long range order boundary for this specimen set. For temperatures near room temperature, the boundary 
occurred at 20.4 4- 0.1 at % A1. 
410 
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atomic ordering favours the formation of very 
fine uniform slip lines rather than slip bands [42, 
43] is further confirmation of the difficulty of 
cross-slip in ordered alloys. 

The relationship between cross-slip and 
fracture surface morphology can be seen by first 
referring to Fig. 10. In particular, Fig. 10a shows 
a hole within a solid which is being subjected to 
a tensile stress a. It has been shown [29, 44] that 
the state of stress associated with such a hole can 
be described in terms of an array of half dis- 
locations which are designated as horizontal L's. 
These may be termed hole dislocations and are 
similar to crack dislocations into which the hole 
dislocations would degenerate if the vertical 
dimension of the hole were reduced to some small 
value approaching zero. The stress fields asso- 
ciated with the hole dislocations are sufficient 
to generate crystal lattice dislocation loops such 
as shown in Fig. 10b. A portion of the loop is 
attracted to the hole, while the remaining part of 
the loop, which is of opposite sign, moves into 
the interior of the crystal, away from the hole. 
In this way, the hole is enlarged. In order for the 
hole to enlarge uniformly, as is in fact observed 
to be the case in the more ductile low A1 content 
Fe-A1 alloys, profuse crystal lattice dislocation 
generation on numerous slip planes must occur 
in the vicinity of the hole. Such profuse slip 
generation is most readily provided by the double 
cross-slip mechanism of Koehler [41 ]. In the case 
of the long range ordered Fe-A1 alloys, and to a 
smaller extent in the short range ordered alloys, 
the difficulty in cross-slip either limits or elimin- 
ates completely the nucleation and growth of 
voids, in accordance with the present observa- 
tions. 

Since the absence of void formation appears to 
be synonymous with brittle fracture in the 
present alloys, two alternatives present them- 
selves: transgranular and intergranular fracture 
as observed in Figs. 7 and 8 respectively. It has 
already been argued in connection with the 
simple ordered structure of Fig. 1 that inter- 
granular fracture should be favoured in ordered 
alloys because of the disorder associated with the 
grain boundaries. This reasoning also holds for 
the specific case of the Fe~A1 alloy, as can be seen 
in Fig. 11. In particular, within each grain 
interior, the ordered configuration of atoms is 
such that A1 atoms form neither first nor 
second nearest neighbours with one another. 
However, incorrect A1 atom neighbours are seen 
to exist across the 53.1 ~ symmetric tilt boundary 

I O" 

0 
(a) 

J 

Figure 10 (a) Hole dislocations within a stressed hole. (b) 
Enlargement of stressed hole in (a) by the generation of 
crystal lattice dislocations. 

shown in Fig. 11. A more detailed description of 
grain boundaries in body centred cubic struc- 
tures can be obtained in [45] and [46]. The above 
postulates are in agreement with the observa- 
tions of intergranular fracture observed in those 
alloys containing approximately 25 at. ~ or 
more A1 as can be seen in Fig. 8. On the other 
hand, in order to explain the transgranular 
fractures observed in those long range ordered 
alloys containing less than 25 at. ~ A1, reference 
is made to the schematic illustration shown in 
Fig. 12. An ordinary dislocation is seen to 
emanate from the grain boundary with the 
consequent production of an APB (shown 
shaded). Such generation of ordinary disloca- 
tions has been shown to occur quite commonly 
in the lower A1 content long range ordered 
Fe-A1 alloys [10, 12]. As in the case of high- 
angle boundaries, these APBs are also of 
relatively high energy and can thus provide an 
alternate path for crack propagation through the 
grain interiors. Alternately, when a low-angle 
boundary terminates on a high-angle boundary, 
as illustrated in Fig. 12, the low-angle boundary 
may also provide an alternate high energy for a 
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propagating crack since, as noted earlier, such 
low-angle boundaries also possess large amounts 
of disorder. Extensive transmission electron 
microscopy observations with FeCo has, in fact, 
shown large numbers of low-angle boundaries 
attached to high-angle boundaries [46]. It has 
been argued that such low-angle boundaries may 
be relatively more stable in the less stoichio- 
metric superlattices since less disorder is 
associated with such boundaries [47 ]. The trans- 
granular fracture modes observed in Fig. 7 for 
the 21.8 at. ~ A1 alloy can thus be accounted for 
on the basis of the above arguments. 

Fe,  AI - ATOMS WHICH LIE IN PLANE OF 0RAW[NG 

Fe ~. AI '  - ATOMS WHICH LIE A DISTANCE ao/~ ABOVE OR BELOW 
PLANE OF ORAWING 

,/Pe~. 

# 1  

\ . / r  \ 
~ I .~ ~  , \f.\.l,, 

~ \ ~ h e, I 
<'\ .'+~/ \ I ~,>L 

Figure 11 Symmetrical high-angle tilt boundary with a 
coincidence angle of 53.1 ~ in an ordered Fe3A1 alloy. 
Rotation axis is along [001 ] and is normal to the drawing. 

~ #2 

/ 
b" 

Some further insight in the brittle fracture 
associated with the long range ordered Fe-A1 
alloys can also be obtained by considering a 
theory first proposed by Cottrell [48] which can 
be written in the form of the following relation 

Gykyd 1/2 >~ [Jtx7 

where Gy is the yield stress of the alloy, ky is the 
Hall-Petch slope, d is the grain diameter, t3 is a 
constant in the order of 1,/z is the shear modulus, 
and 7 is the surface energy associated with crack 
formation. Any change that increases the left 
side of the above equation with respect to the 
right side will favour brittle fracture. It is well 
known that atomic ordering significantly in- 
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Figure 12 Slip produced antiphase boundary and low- 
angle boundary, both of which are attached to high-angle 
boundaries, and which could provide alternate high energy 
paths for crack propagation. 

creases ky [47, 49], and as the previous arguments 
have shown, 7 is lowest along both high- and 
low-angle boundaries, as well as APBs, when 
compared to fracture paths within the more 
perfectly ordered grain interiors. 

4. Summary and conclusions 
A scanning electron microscopy study has been 
carried out of the fracture surfaces obtained from 
slowly cooled Fe-A1 alloys pulled in tension and 
containing up to 28 at. ~ A1. It has been found 
that alloys possessing up to about 20 at. ~ A1 
fractured in a ductile manner by void nucleation 
and coalescence. However, alloys containing up 
to about 25 at. ~ A1 failed in a brittle manner by 
a transgranular mode, while those possessing 
higher A1 concentrations fractured intergranu- 
larly in a brittle manner. The loss of ductility 
and resulting brittle fracture is associated with 
the retardation of cross-slip occasioned by the 
onset of long range atomic order. On the other 
hand, the change in brittle fracture from trans- 
granular to intergranular is related to the 
decrease in slip produced APBs and/or low- 
angle boundaries within the grain interiors. The 
high-angle grain boundaries, with their relatively 
large degree of disorder, thus provide the only 
high energy paths along which crack propagation 
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c a n  occur .  I n  no  case was i t  f o u n d  necessa ry  to 
assoc ia te  the  f r ac tu re  b e h a v i o u r  o f  the  p re sen t  

a l loys  w i t h  i m p u r i t y  s eg rega t ion  a t  the  g ra in  
b o u n d a r i e s .  
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